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ABSTRACT: Tensile drawing and short-term creep of ethylene/�-olefin copolymers hav-
ing bimodal (BM) molar weight distribution are studied in comparison with unimodal
(UM) copolymers of similar crystallinity. The natural draw ratio and viscoelastic
recovery upon unloading strongly suggest that BM copolymers have more tie chains
and chain entanglements than corresponding UM copolymers. The incorporation of
co-units in the longest chains of BM copolymers is ascribed a major role on these
topological changes. Creep of isotropic materials shows lower compliance for BM copol-
ymers in parallel with higher-durability grades. This is attributed to a better “macro-
molecular network efficiency.” The creep behavior of strain-hardened samples, which is
assumed to simulate the mechanical behavior of craze fibrils at the tip of a propagating
crack, reveals similar trends. The better fibril strength in BM copolymers is again
ascribed to a better network efficiency. Necked samples display an odd behavior of
higher compliance at low stress and lower compliance at high stress for BM copolymers
compared with the behavior of UM counterparts. This is associated with the exhaustion
of viscoelastic capabilities with increasing draw ratio and stress. The phenomenon is
discussed in relation to cavitation. A short-term creep test is proposed for comparative
prediction of long-term behavior. © 2002 Wiley Periodicals, Inc. J Appl Polym Sci 84: 2308–
2317, 2002

Key words: polyethylene; bimodal ethylene copolymer; tension test; creep; molecular
structure

INTRODUCTION

The resistance to stress cracking of polyethylene
and ethylene copolymers (PE) is the main re-

quirement for applications in pipes for gas and
water distribution. A number of studies have
been carried out for the purpose of understanding
the slow crack growth (SCG) phenomenon and
improving the PE resistance to SCG through mo-
lecular architecture modifications (see, for in-
stance, the introduction of the first study of this
series).1

The most common way to assess the SCG re-
sistance of materials for pipes is plotting the
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stress versus time-to-failure diagram at various
temperatures, using either pieces of pipes under
pressure or notched cylindrical or parallelepi-
pedic samples in tensile tests. Such diagrams
usually display two failure regimes.2–5 At high
stress levels and short times, ductile failure is
associated with the plastic yielding of the mate-
rial. The plastic instability phenomenon, charac-
teristic of high-density PE, is responsible for the
occurrence of localized plastic deformation, which
takes the form of a parrot-beak protrusion, paral-
lel to the main axis in the case of pipes.6 The
necked material then fails by a transverse crack.
At low stress levels and long times, brittle failure
of pipes occurs as a crack propagating through the
pipe wall, parallel to the main axis.6 PE brittle
failure has been claimed by a number of investi-
gators to originate from chain disentanglement,
seemingly by analogy with the crazing process of
glassy polymers close to the glass-transition tem-
perature. Chain rupture may also be a likely
mechanism, given that it has often been assumed
for modeling the rupture of fibers of semicrystal-
line polymers, including PE. In the SCG process,
the breaking of intercrystalline tie chains might
be involved either in the fibrils formed at the tip
of a propagating crack or in the amorphous layers
of the isotropic material, at the stage of crack
initiation. This point was previously addressed in
the introductory section of the former study.1

The ductile–brittle transition revealed by the
stress versus time-to-failure plot is a major fea-
ture for PE pipe applications. Indeed, time to
failure increases faster with decreasing stress in
the ductile domain than in the brittle domain.
Thus, the location of the ductile–brittle transition
determines the lifetime in service of a given ma-
terial. This transition is strongly dependent on
the molecular structure and morphology of PE.
The higher the crystallinity, the longer the time
for ductile failure, at a given stress level. How-
ever, this is generally accompanied with an early
occurrence of the brittle regime. In contrast, high
molecular weight chains as well as short chain
branches (SCBs) incorporated by copolymeriza-
tion of �-olefin co-units can lead to a significant
shift of the brittle regime to long failure times.
Unfortunately, a concomitant downward shift of
the stress versus time curve in the ductile domain
occurs in the case of copolymers, attributed to
reduced crystallinity compared to that of ho-
mopolymers; moreover, high molecular weight PE
exhibits drastically reduced processing ability.

Developments in polymerization processes in
recent years have opened routes to novel copoly-
mers having bimodal molar weight distributions
(MWD) and co-units preferentially located in the
high MW population. Such materials display a
substantial shift of the ductile–brittle transition
to both longer time and higher stress, compared
with that of conventional PE issued from either
Ziegler–Natta (ZN) or chromium oxide (CrO2) ca-
talysis, at equivalent crystallinity.7 Preferred in-
corporation of co-units in the long chains has been
claimed by several authors to be a route for im-
proving long-term behavior,7–13 although the pre-
cise origin of this phenomenon is not yet well
understood.

In the first study of this series,1 we reported a
detailed analysis of the molecular architecture of
bimodal ZN and unimodal CrO2 copolymers. Be-
sides a clear-cut bimodal MWD, the bimodal co-
polymer displayed a modification of the co-unit
distribution with respect to unimodal copolymers,
that is, a preferred location of the co-units on long
chains. Although such modification might seem
unimportant at first sight, it proved to have a
drastic effect on the long-term properties. We dis-
cussed this effect as an increase of chain entan-
glement and tie chain densities resulting from
reduced propensity of long chains with SCB to
regular chain folding and chain reeling during
crystallization.

The duration of the complete stress versus time
evaluation of any new PE material for tube appli-
cation is so long that any kind of short-term test
leading to a qualitative predictive assessment of
long-term properties should prove to be of great
value. Thus, the investigation of physical param-
eters on which durability is suspected to depend
has been proposed to get comparative evaluation
of materials having well-characterized lifetimes.
Crystallization kinetics that are known to influ-
ence the molecular topology of the solid materials,
notably regarding intercrystalline tie chains and
chain entanglements, were investigated in the
first study of the series.1 It was suspected that
slow kinetics roughly correlate with high durabil-
ity as a result of more numerous interlamellar
connections. It turned out that the molecular ar-
chitecture modification of bimodal copolymers
compared with unimodal ZN copolymers affects
crystallization kinetics to such an extent that
there is no longer a correlation with durability.

It has also been proposed by some investigators
that the fibrillar structure of PE stretched to its
natural draw ratio could be taken as a model for
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studying the mechanical behavior of the microfi-
brils at the tip of a propagating crack. Capaccio
and coworkers14,15 have indeed shown a quite
amazing correlation between the creep resistance
of such drawn materials with the stress cracking
resistance of the isotropic materials, over a wide
range of crystallinity. In another connection,
Laragon et al.16 have shown from a Raman spec-
troscopy study on a series of high-density PE
drawn to their natural draw ratio that, for a given
macroscopic strain, the higher the stress cracking
resistance, the less stressed are the mechanically
active chains.

The present work deals with a mechanical
study of isotropic and drawn copolymers by creep
experiments, to establish correlations with molec-
ular architecture and chain topology. Indeed, if
resistance to creep is ascribed to the strength of
the physical network made of stiff crystalline la-
mellae bound by intercrystalline tie molecules
and entangled chain loops, such tests would pro-
vide direct indication of the physical network ef-
ficiency. A second goal of the study is to put for-
ward a short time test that would be able to
provide qualitative assessment of the long-term
behavior of any PE material by comparison with
previously characterized materials.

EXPERIMENTAL

The chemical and physical characterizations of
the five ethylene copolymers investigated in this
work were previously described in the former
study.1 Table I reports the main characteristics of
these materials. Melt-cast 1-mm-thick sheets
were prepared by compression-molding at 160°C
for 5 min, and cooled at about 20°C/min.

Drawing was carried out on a model 1/ME MTS
tensile-testing machine (MTS Systems Corp.,
France) equipped with an air-pulsed oven and
pneumatic grips. The H2-type dumbbell-shape
samples (20 and 5 mm in gauge length and width,
respectively) were cut out from the sheets with a
punching die. Two types of drawn specimens were
prepared at the draw temperatures (Td’s) of 20
and 80°C, at a crosshead speed of 50 mm/min. The
first type consisted of drawing beyond the yield
point and propagating the neck over a 60-mm
length. The so-called natural draw ratio17 �n was
determined from the reduction of cross section in
the necked region. Measurements were carried
out on both stressed samples, prior to unloading,
and on unloaded samples after 24-h relaxation at
20°C. This allowed an assessment of the recovery
ability of the drawn materials. The second type of
specimen consisted of drawing the material in the
strain-hardening domain, in the midrange be-
tween �n and the breaking strain. The actual
draw ratio was about 80% of the breaking strain
at 20°C and 60% at 80°C. This was called the
strain-hardened state.

Creep experiments were performed on an MTS
machine (model 1/ME) at constant force, on both
isotropic and drawn copolymers, at 20 and 80°C.
The parallelepipedic specimens were cut from ei-
ther the isotropic compression-molded sheets
(� 30 � 4 � 1 mm), the necked samples (� 30 � 2
� 0.6 mm), or the strain-hardened samples (� 30
� 1.5 � 0.4 mm). For the two types of drawn
materials, the specimens were allowed to relax
unloaded for 72 h before creep testing, to achieve
full viscoelastic recovery. For all creep tests, the
initial sample loading was conducted at a cross-
head speed of 50 mm/min, so that the force level
for every experiment was reached within less
than 15 s without stress overshoot. The compli-

Table I Molecular and Physical Characteristics of the Copolymers

Copolymer
Co-unit
MWDa

Methyl
(CH3‰C)

Mn

(kg/mol)
Mw

(kg/mol)
Mz

(kg/mol)
Density
(g/cm3)

Xc
b

(w %)
Durability

Grade

CP1 Hexene/UM 4.3 9.3 183 1470 0.940 57 PE80
CP2 Hexene/UM 1.6 11.7 207 1530 0.946 63 PE80c

CP3 Hexene/BM 2.4 11.8 220 1540 0.948 65 PE100
CP4 Butene/UM 2.4 9.1 236 1580 0.945 67 PE63
CP5 Butene/BM 3.5 10.2 215 1160 0.944 66 PE80

a MWD, molar weight distribution; UM, unimodal; BM, bimodal.
b Crystallinity assessed from differential scanning calorimetry (Hubert et al., 2001).
c CP2 is a PE80 grade for tube applications but is not far from the PE100 standard.
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ance was computed from the ratio of the strain to
the stress. Assuming uniform deformation, the
change of sample length between the grips was
taken into consideration for the strain measure-
ment and the sample cross section prior to loading
was used for computing the stress. All the creep
compliance data reported in this study were de-
termined at a creep time of 15 min, that is, in the
secondary creep domain where compliance is less
sensitive to time for all the stress range investi-
gated. It is worth noticing that unreported com-
pliance data at 45 min creep showed similar
trends as a function of stress. In contrast, compli-
ance data at 5 min creep (i.e., in the primary creep
domain) displayed significantly larger uncer-
tainty than 15-min data and did not allow rele-
vant comparisons of the various materials.

Throughout all phases of the creep behavior
study, the lower limit of the stress scale of the
compliance versus stress plots was the upper
limit of linear viscoelastic behavior, that is, the
lower stress for which compliance is no longer
independent of stress. The upper limit of the
stress in the case of isotropic samples is the one
for which necking does not occur during the 15-
min creep test. In the case of drawn samples, the
limiting stress is that for which samples are
pulled out of the grips or break within the test
time.

RESULTS AND DISCUSSION

Uniaxial Drawing

Table II displays some physical parameters of the
copolymers drawn either to necking or to rupture.
At both Td values of 20 and 80°C, the natural
draw ratio as measured in the stable neck is sys-
tematically smaller for the bimodal copolymers
than that for the unimodal copolymers of equiva-

lent crystallinity and co-unit type, that is, CP3
versus CP2 and CP5 versus CP4. In a primary
approach of macromolecular network stretching,
the natural draw ratio �n may be related to the
concentration of chain segments between entan-
glements � through the following relation18–20:

�n � C/��

where the constant C depends only on the poly-
mer nature. In this instance, the above finding
can be taken as a piece of evidence that the en-
tanglement density of bimodal copolymers is
somewhat higher than that of corresponding uni-
modal copolymers. Table II also displays perti-
nent data regarding the relaxation behavior upon
unloading of the necked samples at Td � 20°C:
bimodal CP3 and CP5 copolymers exhibit higher
viscoelastic strain recovery than that of unimodal
CP2 and CP4 copolymers, respectively. Unre-
ported data at Td � 80°C do not allow relevant
comparison because of the large relative uncer-
tainty on the recovery capacity. Nonetheless, the
recovery data for Td � 20°C give indication of a
greater network strength for bimodal copolymers
that is thoroughly consistent with the above-
noted conclusion of a greater entanglement den-
sity.

Creep of Isotropic Samples

Typical compliance versus time plots are reported
in Figure 1 in the case of isotropic CP2 copolymer
at 20°C. After the instantaneous elastic loading,
compliance increases rapidly with increasing
time in the primary creep domain. This increase
of the compliance gradually slows down as sec-
ondary creep takes place with a constant rate.
Below the stress level of 8 MPa, the almost iden-
tical creep curves (not shown in Fig. 1) are indic-

Table II Physical Parameters of the Drawn Copolymers

Copolymer �n at 20°Ca
Recovery at
20°Cb (%) �max at 20°C �n at 80°Ca �max at 80°C

CP1 5.3 � 0.1 10 � 1% 11.0 � 0.3 4.8 � 0.1 14.0 � 0.3
CP2 5.7 � 0.1 11 � 1% 10.5 � 0.3 4.9 � 0.1 15.5 � 0.3
CP3 5.1 � 0.1 13 � 1% 10.5 � 0.3 4.5 � 0.1 15.5 � 0.3
CP4 6.8 � 0.1 12 � 1% 9.5 � 0.3 5.7 � 0.1 17.0 � 0.3
CP5 5.4 � 0.1 15 � 1% 9.0 � 0.3 4.9 � 0.1 14.0 � 0.3

a Measured unloaded.
b Recovery � [�n (constrained) � �n (unloaded)]/�n (constrained).
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ative of a linear viscoelastic behavior. Above 8
MPa, compliance turns out to be sensitive to
stress: the higher the stress level, the greater the
departure from the linear behavior. For an ap-
plied stress of 14 MPa, the acceleration of the
compliance increase between 600 and 900 s is
relevant to the ternary creep regime (Fig. 1). For
applied stresses above 18 MPa, plastic instability
takes place within the 15 min of the creep tests,
accompanied with a drastic upswing of the com-
pliance. Similar observations were made for the
other copolymers under investigation.

Figures 2 and 3 show the compliance versus

stress plots for the CP1, CP2, and CP3 copolymers
in the isotropic state, at 20 and 80°C, respec-
tively. For both temperatures, CP1 displays a
greater compliance over the whole stress range
than that of the two other copolymers. This ob-
servation is consistent with its significantly lower
durability grade, in conjunction with a slightly
lower crystallinity. CP2 is more compliant than
CP3, but not significantly so. This is in line with
the fact that CP2 does not reach the PE100 grade
but almost achieves this classification (see Table I).

Figures 2 and 3 clearly exhibit a compliance
hierarchy of the three copolymers that matches
the durability ranking of Table I. The density of
intercrystalline tie molecules is suspected to be
the connection between the two kinds of mechan-
ical evaluations. Indeed, tie chains that ensure
the mechanical link between the crystallites,
through the rubbery amorphous layers in semic-
rystalline polymers, constitute the weaker point
of the stress transfer process resulting from their
relatively low frequency in ethylene-based poly-
mers having a high propensity for chain-folding
crystallization. Thus, tie chains should be one of
the main parameters controlling both short-term
creep and long-term behavior, at a given crystal-
linity level. As a matter of fact, the bimodal CP3
copolymer that was shown in the former study1 to
contain more tie chains and chain entanglements
than those of CP2 (attributed to hindrance of
molecular architecture complexity on crystalliza-
tion kinetics) is less compliant and more stress
crack resistant than CP2. Short-term creep thus

Figure 1 Creep curves of isotropic copolymer CP1 for
various stress at 20°C.

Figure 2 Compliance versus stress plots at 20°C of
isotropic copolymers CP1, CP2, and CP3.

Figure 3 Compliance versus stress plots at 80°C of
isotropic copolymers CP1, CP2, and CP3.
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appears as a relevant means to anticipate long-
term properties of PE materials.

Creep of Neck-Drawn Samples

Samples drawn to the stage of natural draw ratio
have a fibrillar structure that is assumed to be
analogous to that of the craze fibrils that form at
the tip of a propagating crack in the stress do-
main of brittle failure. Such drawn samples have
been tested in creep to simulate the mechanical
behavior of the damaged zone at a crack tip.

Figures 4 and 5 show the compliance versus
stress for creep tests conducted at 20°C on copol-

ymers CP1, CP2, and CP3 drawn at Td values of
20 and 80°C, respectively. Of the three, CP1 is the
most compliant copolymer over the whole stress
range. This is quite logical with regard to the
slightly lower crystallinity and is consistent with
long-term behavior. However, the higher compli-
ance of CP3 versus CP2, for both cases of drawing
at 20 and 80°C, is quite surprising. This does not
support the copolymer ranking in durability (Ta-
ble I).

Figures 6 and 7 report the creep compliance at
80°C versus stress for the same copolymers
drawn at 20 and 80°C, respectively. In this in-
stance, CP3 copolymer exhibits higher compli-
ance than CP2 over only a part of the stress

Figure 4 Compliance versus stress plots at 20°C of
copolymers CP1, CP2, and CP3 neck-drawn at 20°C.

Figure 5 Compliance versus stress plots at 20°C of
copolymers CP1, CP2, and CP3 neck-drawn at 80°C.

Figure 6 Compliance versus stress plots at 80°C of
copolymers CP1, CP2, and CP3 neck-drawn at 20°C.

Figure 7 Compliance versus stress plots at 80°C of
copolymers CP1, CP2, and CP3 neck-drawn at 80°C.
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range, that is, lower stresses. The slope of the
compliance versus stress curve of CP3 is indeed
weaker than that of CP2, so that the two curves
cross themselves at about the midstress range.

These findings are quite puzzling with regard
to the preceding conclusions on the creep behavior
of isotropic materials, and also to the copolymer
ranking in durability. An explanation can be de-
vised from the characteristics of the drawn sam-
ples (Table II) (already discussed in the subsec-
tion, Uniaxial Drawing). The higher recovery of
bimodal copolymers upon unloading from the
necked state is relevant to a stronger viscoelastic
strain component that confers greater compliance
to CP3, compared with that of unimodal parent
CP2, notably at low stress. However, the vis-
coelastic capacities of PE are well known to be
gradually exhausted as strain increases in the
strain-hardening range.21,22 This effect is all the
more pronounced when the draw temperature is
high because of the improved degree of crystalline
organization and crystal block size in the fibrillar
structure. A consequence is that, as the applied
stress increases in the creep tests, the viscoelastic
component of the necked samples is gradually
reduced and the Langevin-like response23 of the
stretched macromolecular network exerts an in-
creasing contribution. This does not seem to be
able to reverse the compliance versus stress trend
for the 20°C creep (Figs. 4 and 5). However, for
creep at 80°C (Figs. 6 and 7), it appears that the
viscoelastic response of necked CP3 turns out
readily exhausted for the higher stresses of the
experimental stress range, so that CP3 becomes
less compliant than CP2 at high stress. It is worth
noticing that this process takes place faster for a
draw temperature of 80°C (Fig. 7) than that at
20°C (Fig. 6) because of lesser viscoelastic capac-
ities of the fibrillar structure buildup at high tem-
perature.

Combined effects of different viscoelastic ca-
pacities and different physical network properties
result in a rather complex creep behavior of the
neck-drawn copolymers. No clear-cut correlation
appears between short-term creep of such neck-
drawn samples and long-term behavior of isotro-
pic copolymers, so this approach does not seem
adequate for discriminating PE materials for pipe
applications.

Creep on Strain-Hardened Samples

Samples drawn in the strain-hardening range
were tested in creep, as for simulating the me-

chanical behavior of the craze fibrils close to rup-
ture in a propagating crack. The compliance ver-
sus stress data for copolymers CP1, CP2, and CP3
are reported in Figure 8 for drawing and creep at
20°C. CP1 is slightly more compliant than either
CP2 or CP3 at low stress. Then, CP3 gradually
departs from CP2 and CP1 by retaining a lower
compliance as stress increases. It seems that the
viscoelastic effect responsible for the rather com-
plex creep behavior of the neck-drawn sample is
significantly reduced in the present case of strain-
hardened samples. This is consistent with the
exhaustion of the viscoelastic capabilities of
drawn PE when the plastic strain is increased in
the strain-hardening domain, as discussed above.
The network contribution to the compliance is
thus improved as viscoelasticity is exhausted.

Figure 9 shows the data for drawing and creep
at 80°C. CP1 is much more compliant than the
two other copolymers over the whole stress range.
CP2 is also more compliant than CP3, although
the departure is more pronounced at high stress.
It seems that the viscoelasticity exhaustion is still
more important when strain-hardening is carried
out at 80°C compared with that at 20°C. As sug-
gested in the previous subsection, this can be
assigned to an improvement of crystalline organi-
zation in the fibrillar structure.

Additional data for CP4 and CP5 are also re-
ported in Figure 9. CP4 clearly exhibits a higher
compliance level over the whole stress range to-
gether with a significantly lower value of the
stress limit that can be applied without rupture

Figure 8 Compliance versus stress plots at 20°C of
copolymers CP1, CP2, and CP3 strain-hardened at
20°C.

2314 HUBERT ET AL.



during the 15-min creep test. This is perfectly
consistent with the PE63 grade of this copolymer.
The bimodal CP5 is closely related to CP2, given
that both copolymers are of PE80 grade; never-
theless, the upper stress limit is higher for CP5.

For both temperatures, the strain-hardened
samples of CP3 no longer display the complex
behavior of the necked samples (Figs. 6 and 7),
that is, a higher compliance than CP2 at low
stress, which turns lower at high stress. This can
be readily ascribed to the exhaustion of the vis-
coelastic capacities as plastic strain grows in the
strain-hardening domain, which makes the mac-
romolecular network efficiency become predomi-
nant on the compliance. This effect is more pro-
nounced for drawn samples at 80°C because of
improved crystalline organization.

The creep behavior of strain-hardened samples
at 80°C proves to be a fairly discriminating test
for copolymers of close crystallinity levels but var-
ious durability grades, irrespective of the molec-
ular architecture. It is likely to be a relevant
method for short-term evaluation of materials in-
tended for pipe applications.

CONCLUSIONS

The analysis of natural draw ratio and strain
recovery capacity upon unloading provides evi-
dence of greater chain entanglement and tie chain
densities for bimodal copolymers compared with
those of their unimodal counterparts. Consider-
ing that SCB from co-units and high molecular

weight chains have a similar capacity to involve a
high rate of chain entanglements and intercrys-
talline tie chains, the preferred incorporation of
SCB on long chains in bimodal copolymers has
been attributed by several investigators to be
highly beneficial for chain topology (see the pre-
vious study1 and references cited therein). How-
ever, we suggest in addition that the very origin of
the increasing densities of tie chains and chain
entanglements lies in the better efficiency of such
co-unit–rich long chains for disrupting the mech-
anisms of regular chain folding and chain disen-
tanglement during crystallization. This interpre-
tation is in agreement with the conclusions from
the former study1 of the series regarding the
physical properties and crystallization kinetics of
the present copolymers.

Short-term creep on isotropic samples reveals a
similar trend of better molecular network effi-
ciency of bimodal copolymers but is less discrim-
inating than natural draw ratio and strain recov-
ery. This is ascribed to the fact that, in both
approaches, the physical network of crystalline
lamellae (creep of isotropic materials) or microfi-
brils (drawn materials), bound by tie chains and
entangled chain loops, is the main factor of me-
chanical strength. In contrast to isotropic sam-
ples, necked samples display a complex creep be-
havior as a function of stress level, resulting from
a stronger viscoelastic strain component of bi-
modal copolymers compared with that of unimo-
dal copolymers, at low stress. Drawing in the
strain-hardening range improves the macromo-
lecular network contribution because of the vis-
coelasticity exhaustion, notably for high draw
temperature. Creep of strain-hardened samples
turned out to be a discriminating test. It is worth
mentioning that, for the sake of validation of this
test, a collection of 15 commercial copolymers of
PE80 and PE100 grades were tested and success-
fully classified with regard to their stress versus
time to rupture behavior.

It is obvious that the so-called macromolecular
network is not the same for the isotropic state
with lamellar structure and for the drawn state
with fibrillar structure. However, direct filiation
exists by means of chain-unfolding processes that
turn a number of chain folds of the lamellar struc-
ture into intercrystalline tie chains in the fibrillar
structure. Original tie chains and chain entangle-
ments that govern the drawability of the material
should be essentially preserved throughout plas-
tic drawing. This is borrowed from Peterlin’s
model24 for the fibrillar transformation that has

Figure 9 Compliance versus stress plots at 80°C of
the five copolymers strain-hardened at 80°C.
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often been modified or amended but never denied.
The radical change of long period in the fibrillar
structure, compared with that in the mother la-
mellar structure, has been claimed by some inves-
tigators to be an evidence of some kind of meltin-
g–recrystallization process. However, it is clear
that some of the topological features of the mac-
romolecular network are well preserved. The fact
that the creep displays similar trends for isotropic
and strain-hardened samples and leads to the
same copolymer ranking supports the idea that
the macromolecular networks are closely related
in the two cases. This means that all architectural
and topological features contributing to the me-
chanical strength of the fibrils at the tip of a
propagating crack are also likely to improve the
material strength at the early stage of crack ini-
tiation in the original lamellar structure. The
probability for breakage of tie chains under static
stress, as well as chain disentanglement if any,
will decrease as the density of tie chain and chain
entanglement increases, given the reduced force
acting on any of these elements.

Although this study refers only to experiments
involving plastic properties on a short-term scale,
the conclusions on the strength of the macromo-
lecular network in terms of resistance to chain
rupture and/or chain disentanglement provide a
substantial body of data to understand the long-
term properties, both in the ductile regime where
failure occurs by interfibrillar separation after
plastic yielding and in the brittle regime where
failure proceeds by SCG. Indeed, besides the crys-
tallinity level, which governs the plastic flow
stress in the ductile regime, the entanglement
density of the chain network determines the ca-
pacity of resistance to plastic instability (high
natural draw ratio and low strain-hardening). In
the brittle regime, the breaking stress of the
fibrils pulled out from the lips of the opening
crack is governed by the strength of the more or
less extended chain network, that is, the chain
entanglement and tie chain densities. We suggest
that all parameters of the molecular architecture
that are likely to increase the entanglement den-
sity will improve the long-term behavior. This has
been already claimed by Brown and coworkers
regarding SCG (see the discussion in the first
study1 of this series). However, crystallinity must
not decrease in parallel, given that it is a detri-
mental factor for the stress level in the ductile
regime. This is precisely the challenge that has
been achieved through the synthesis of bimodal
copolymers.

The question remains on the origin of the
higher viscoelastic recovery of neck-drawn bi-
modal copolymers, compared with unimodal co-
polymers at equivalent crystallinity, that has no-
tably been assigned a determining role in the
complex creep behavior of neck-drawn CP3. It is
worth mentioning that no viscoelasticity effect
has been suggested to contribute to the compli-
ance of isotropic copolymers. Thus, it is suspected
that the origin of the pronounced viscoelasticity
neck-drawn CP3 arises from some peculiar
strain-induced phenomenon during plastic defor-
mation. In this instance, first hints of interpreta-
tion can be proposed from a small-angle X-ray
scattering study in progress that revealed stron-
ger interfibrillar cavitation in neck-drawn bi-
modal copolymers, compared with that in unimo-
dal copolymers at equivalent crystallinity. The
opening upon loading of interfibrillar microvoids
and the closing of these microvoids upon unload-
ing stemming from the entropic back-stress of the
rubbery amorphous chains is likely to bring about
a viscoelastic effect. The origin of the higher cav-
itation propensity of bimodal copolymers may be
ascribed to their specific molecular architecture.
Indeed, in spite of the fact that the longest chains
in both bimodal and unimodal copolymers are
thoroughly deprived from co-units, bimodal copol-
ymers have the co-units concentrated on longer
chains than their unimodal parents, as shown in
the first study of this series.1

Thus, bimodal copolymers can be regarded, in
first approximation, as two interpenetrating mac-
romolecular networks made of co-unit–rich long
chains and almost linear chains of both medium
and short length. The latter chain population is
highly detrimental for the molecular cohesion of
the material because of the well-known effect that
short chains and SCB deficiency both reduce the
ability of PE to build up intercrystalline tie chains
during crystallization. Besides, evidence of phase
separation of the various chain species in the
midtemperature range of crystallization of bi-
modal copolymers is also likely to reduce the tie
chain frequency.1 This is suspected to give rise to
highly compliant and cavitation-prone zones.
However, it turns out that the network strength
gained from the co-unit–rich long chains largely
compensates this deficiency. It substantially im-
proves the short-term creep resistance and long-
term behavior of the bimodal copolymers. In ad-
dition, it may be ascribed a major part in the
viscoelastic recovery upon unloading of the vol-
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ume strain accompanying the microvoid opening
under stress.

In summary, given the analogy of the chain
topology in the isotropic state and the strain-
hardened state, both short-term creep of drawn
samples and long-term behavior of extruded
tubes have been correlated with the molecular
architecture of the copolymers. From a practical
standpoint, this study provides a very useful
means for evaluating long-term properties of co-
polymers from short-term creep tests.
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